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ABSTRACT: Cellulose nanofibrils (CNFs) are a class of cellulosic
nanomaterials with high aspect ratios that can be extracted from
various natural sources. Their highly crystalline structures provide
the nanofibrils with excellent mechanical and thermal properties.
The main challenges of CNFs in nanocomposite applications are
associated with their high hydrophilicity, which makes CNFs
incompatible with hydrophobic polymers. In this study, highly
transparent and toughened poly(methyl methacrylate) (PMMA)
nanocomposite films were prepared using various percentages of
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CNFs covered with surface carboxylic acid groups (CNF-COOH).

The surface groups make the CNFs interfacial interaction with PMMA favorable, which facilitate the homogeneous dispersion of
the hydrophilic nanofibrils in the hydrophobic polymer and the formation of a percolated network of nanofibrils. The controlled
dispersion results in high transparency of the nanocomposites. Mechanical analysis of the resulting films demonstrated that a low
percentage loading of CNF-COOH worked as effective reinforcing agents, yielding more ductile and therefore tougher films than
the neat PMMA film. Toughening mechanisms were investigated through coarse-grained simulations, where the results
demonstrated that a favorable polymer-nanofibril interface together with percolation of the nanofibrils, both facilitated through
hydrogen bonding interactions, contributed to the toughness improvement in these nanocomposites.
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B INTRODUCTION

Nanocellulose is described as “the sustainable materials of
choice for the 21st century”.! Cellulose nanofibrils (CNFs) are
a class of nanocellulose materials with unique properties and
many potential applications. Their internal hydrogen bonding
between cellulose chains and interspersed crystalline regions
provide the nanofibrils with excellent mechanical and thermal
properties, including high modulus, high strength, and a low
coefficient of thermal expansion.' ™ These nanofibrils have
been proposed for many potential applications, such as
reinforcement fillers for polymer composites, rheology control
for liquids, optically transparent composites for flexible
electronics and in improved barrier membranes."”* As a general
class of nanoscale particles, cellulose nanofibrils are produced
by a wide variety of methods that result in a variety of particle
sizes and forms. The dimensions of CNFs can vary
substantially, depending on the degrees of fibrillation and
pretreatment involved, usually between 4—20 nm in width, and
500—2000 nm in length.” The nanofibrils used in this study
were prepared using TEMPO (2,2,6,6-tetramethylpiperidine-1-
oxyl radical)-mediated oxidation and disintegration,” where the
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process results in C6 carboxylate groups selectively formed on
the nanofibril surface.

CNFs have been used as reinforcement nanofillers for
polymer nanocomposites. Compared with cellulose nanocryst-
als, cellulose nanofibrils have high aspect ratios that enable
formation of a percolated network at a low concentration in
polymer matrices. The fibril—fibril interactions caused by the
percolation contribute to further improvement in the
mechanical properties of the cornposite.5 Moreover, the fibril
diameter, being far below the wavelength of visible light,
enables the reinforcement of transparent polymers without
compromising their optical properties. Because of the hydro-
philic nature of cellulose, cellulose nanofibrils are commonly
used to reinforce hydrophilic polymers, such as poly(ethylene
oxide) (PEO)’ and poly(vinyl alcohol) (PVA).° Significant
improvements in strength, modulus and fracture toughness
have been achieved for solution-cast PEO composite films.
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These increases were attributed to CNFs high mechanical
properties, good dispersion and strong interfacial hydrogen
bonding between cellulose and the matrix.’

Even so, the main challenges of utilizing CNFs in composite
applications are associated with the high hydrophilicity, which
makes them incompatible with hydrophobic polymers. The
hydrophilic nature, along with their inherent tendency to form
aggregates held together by hydrogen bonding, impedes
dispersing CNFs in hydrophobic polymers and therefore
leads to lower mechanical properties of the composites than
predicted. To address this deficiency, researchers investigated
surface modifications based on polymer grafting, coupling
agents, acetylation, and cationic modification to improve
compatibility and dispersion in polymer matrices.”” As an
example, cellulose nanocrystals and microfibrils were chemically
modified with N-octadecyl isocyanate, where the chemical
grafting was found to improve compatibility with polycapro-
lactone and dispersity.” Polystyrene containing various ratios of
dispersed TEMPO-oxidized cellulose nanofibrils exhibited
increases in tensile strength and elastic modulus. The
reinforcement effects were observed even at low addition levels
in relation to the neat film.” In many studies, improvements to
the modulus of hydrophobic polymers through reinforcement
with cellulose nanofibrils was coupled with a reduction in
toughness due to reduced elongation at break. This increased
brittleness may be associated with nanofibril aggregation in
hydrophobic polymers or weak hydrophilic nanofiller—hydro-
phobic matrix interfaces. Because effective utilization of
nanofillers in composite applications depends strongly on
their ability to be dispersed homogeneously within a polymer
matrix as well as interfacial interactions,'”'" an optimized
interfacial interaction between CNFs and hydrophobic polymer
matrix and good dispersion of CNFs should lead to efficient
load transfer to the hard component of the composite and/or
allow for significant energy dissipation without macroscopic
failure, resulting in enhanced mechanical properties of the
materials.

Poly(methyl methacrylate) (PMMA) is a commonly
employed glassy thermoplastic polymer. Because of excellent
transparency in the visible spectrum, PMMA is widely used in
optical applications, especially as a matrix for nonlinear optical
materials. However, applicability is limited by relatively high
brittleness. Incorporation of reinforcing fillers, such as CNFs,
into a PMMA matrix could result in an enhanced material.
Previously reported work includes composites prepared by
solution blending of PMMA and PMMA-grafted CNFs
followed by injection and compression molding. The tensile
testing showed no improvement of the mechanical properties
and the transparency of the composites was notably decreased,
because of the visible heterogeneity of the composites caused
by insufficient mixing of the components.

This study focuses on incorporating TEMPO-oxidized CNFs
into PMMA as an approach to improve toughness while
maintaining optical transparency. In this work, low percentages
of modified CNFs, where carboxylate groups on the nanofibrils
were protonated to carboxylic acid groups, were mixed in a
PMMA matrix. The effect of incorporating CNFs into PMMA
was studied by microscopy, thermal analysis, and mechanical
testing. This, together with modeling the mechanism for
material failure, provides further insight on CNF reinforced
hydrophobic polymers. Computational models at the coarse-
grained level were used to understand the fundamental
mechanism responsible for toughening of these materials.

Computed results are shown to have good qualitative
agreement with experimental data obtained for the PMMA
nanocomposite films containing low percentages of carboxyl
CNPFs.

B EXPERIMENTAL SECTION

Materials. Aqueous dispersion of carboxylated cellulose nanofibrils
(balanced with sodium ions, noted as CNF-COONa) nanofibrils were
produced from wood pulp using the TEMPO oxidation technique and
sodium hypochlorite as the stochiometric oxidant.” The water
dispersion of CNFs used in this study has a concentration of 1.0 wt
% and a surface carboxylate content of 1.3 mmol/g. Poly(methyl
methacrylate) (PMMA), N,N-dimethylformamide (DMF), and all
other chemicals were of analytical grade and used as received.
Deionized water with resistance ~182 MQ m was used in all
experiments.

Preparation of CNF-COOH/PMMA Film. The “as-produced”
TEMPO-oxidized CNFs carry surface sodium carboxylate groups,
which is described as CNF-COONa in this report. CNF-COONa was
protonated to CNF-COOH using a method adapted from Isogai’s
group."* Briefly, 1.0 wt % CNF-COONa was diluted to 0.1 wt % in
H,O, which was adjusted to pH ~2 with 1 N HCI. Gel particles of
CNF-COOH were obtained by centrifuging to remove water from the
mixture. The gel particles were then washed and centrifuged
repeatedly with H,O several times. The CNF-COOH in H,O particles
was completely solvent-exchanged to acetone by repeatedly adding
acetone and centrifuging to remove solvent. DMF was then added to
the CNF-COOH particles in acetone. The mixture was evaporated
using a rotary evaporator under vacuum and at S0 °C to remove
acetone. The concentration of suspended CNF-COOH/DMF
particles was determined by dry weight. Clear dispersion of CNF-
COOH in DMF was obtained by diluting the concentrated CNF-
COOH/DMEF with DMF and sonicating in a water-bath sonicator
(Fisher Scientific, FS30H) for 30 min to 1 h. The dispersion after
sonication was examined using a cross polarizer. The presence of flow
birefringence and absence of gel particles were used to indicate good
dispersion. The dispersion was further examined using transmission
electron microscopy as described below.

To prepare the nanocomposite films, S g of PMMA dissolved in
DMF was mixed with CNF-COOH/DMEF dispersion and stirred for at
least 1 h. The weight ratio of CNF-COOH in the PMMA/CNE-
COOH was varied from 0 to S wt %. The solution of CNF-COOH/
PMMA in DMF was cast in a glass crystallizing dish. The solution was
dried in an oven purged with nitrogen gas at a temperature below 40
°C. The PMMA/CNF-COOH nanocomposite films thus formed were
detached from glass dishes and vacuum-dried at SO °C for several days.
The resulting PMMA/CNF-COOH nanocomposite films were ~0.2
mm in thickness.

Characterizations. Electron Microscopy. The dispersions of
nanofibrils in solvents were characterized using a JEOL 2100F
transmission electron microscope (TEM) operated at 200 kV. For the
TEM samples of the CNF dispersion in H,O or the CNF-COOH
dispersion in DMF, the TEM grid covered with an ultrathin carbon
film was treated with air plasma for 45 s to increase hydrophilicity of
the carbon support film and thus prevent aggregation of the nanofibrils
dried on the grid. A droplet of the diluted nanofibril dispersion was
cast on the grid and remained on the grid for 1 min. Then the extra
fluid was removed with the edge of filter paper, and the remaining
nanofibrils were stained with 2% aqueous solution of uranyl acetate
before being air-dried in order to enhance the TEM image contrast.
To examine the dispersion of CNF-COOH in the nanocomposite film,
we embedded the film in EPO-FIX embedding epoxy resin (Electron
Microscopy Sciences) and cured overnight at room temperature. The
embedded film was then cross-sectioned using a Leica microtome. The
sliced thin sections with thickness ~100 nm were collected on the
TEM grids and stained with 2% uranyl acetate. The dispersion of
nanofibrils in the nanocomposte films was investigated using the JEOL
2100F scope with scanning transition electron microscopy (STEM)
mode. Bright-field (BF) STEM images were acquired using a JEOL BF
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detector. High-angle annular dark-field (HAADF) images were
acquired with a Gatan 806 HAADF detector. The fracture surfaces
of the tensile samples were characterized using a Hitachi S-4700 field-
emission scanning electron microscope (FESEM) at an accelerating
voltage of 5 kV. The samples were sputter-coated with Au/Pt alloy to
reduce charging before FESEM operation.

Thermal Analysis. Differential scanning calorimetry (DSC) was
performed using a TA DSC Q1000 instrument. The tests were carried
out at a ramping rate of 10 °C/min from room temperature to 200 °C
under a nitrogen atmosphere.

UV—Vis Spectroscopy. UV—vis spectra of the films were collected
at a wavelength range of 250 to 900 nm using a Beckman Coulter DU
800 spectrophotometer. The transmission spectra were acquired on
the free-standing films using air as blank.

Dynamic Mechanical Analysis. Dynamic mechanical analysis
(DMA) of the composite films was conducted using a DMA Q800
(TA Instruments) equipped with a film tension clamp. Tests were run
from —20 to 120 °C at a rate of 3 °C/min. Oscillation amplitude of §
pum (within linear range) was applied on all samples. At least three
repeats were tested for each sample.

Tensile Testing. Uniaxial tensile loading was performed on flat,
dogbone test specimens based on the dimensions in ASTM Dé638.
Test specimens were laser-cut into dog-bone geometries from the cast
thin films. An Instron model 1122 load frame with a 50 N load cell was
used to carry out the tests. The specimens were loaded in tension at a
cross-head speed of 12 mm/min. The load and displacement values
were recorded and the strain was calculated using digital image
correlation.

B COMPUTATIONAL MODEL AND METHODS

Supplementary to experimental efforts, computational modeling
provides a powerful means to investigate a broad range of parameters
that are challenging to explore experimentally. The complexity and size
of these nanocomposite structures restrict the use of all-atom
computer simulations. Instead a coarse-grained (CG) representation
is utilized to extend the length and time scale accessible to simulation,
where atoms are grouped together to form effective interaction sites.
The resolution accessible to this simulation method is adequate
because the modeling will only be used to elucidate the fundamental
mechanism responsible for toughening in PMMA composites
containing cellulose nanofibrils. These simulations were performed
using the large-scale atomic/molecular massively parallel simulator
(LAMMPS).">"6

Coarse-grained molecular dynamics simulations of the neat or
composite polymer system were performed using the standard generic
bead—spring model,"”” which has been shown to be an excellent
technique to study the structural, dynamical, and mechanical
properties of large variety of polymer systems.'® ' The simulation
box for our pure polymer system is composed of 8000 linear flexible
chains, where each chain contains N;, = 30 beads. To model the CNE-
COOH dispersion in the composite system, we added S0 rigid long
rods each composed of N, = 50 beads.

All beads have a mass m and the pair interaction between
topologically nonconnected beads is described by the standard
truncated Lennard—-Jones (LJ) pair potential

wo=sl (2 -CL L]

where 1, is the depth of the potential well and a represents a size of a
bead. We express all quantities in terms of the mass m, intermonomer
binding energy u,, monomer diameter a and characteristic time 7 =
(ma*/uy)"?, where we use the standard L] potential cutoff, r. = 2.5a.
Topologically bound monomers interact according to the standard
FENE/Lennard—Jones bonded potential, Uggng/1;

UFENE/LJ(”) = Ugens(r) + Uyyea(r) (2)

and

2
Upene(r) = —ngln 1= (L)
where Uggyy, is the finite extensible nonlinear elastic potential (FENE).
The standard parameter values of the spring constant, agpyg = 30uy/a>
and the maximum extension, R, = 1.5a, were employed. The so-called
Weeks—Chandler—Andersen excluded volume potential, Uyycy, is
obtained by setting r. = 2/ in eq 1.

The rigidity of the long rods is controlled through a harmonic
angular potential

U,(0) = k(0 - 6,) (4)

where @ is the angle between triplets of connected beads, 6, = 7 is the
equilibrium value of the angle, and k = 300u,/ rad*.

These initial systems were built and first equilibrated by using a fast
equilibration protocol.”* Periodic boundary conditions are applied in
all three directions of the initially cubic simulation cells, using a MD
time step of At = 0.01 7. Temperature, T = 1.0uy/kyT, is controlled
during the entire simulation by a Langevin thermostat with a damping
time of 1.0 7. Initially, the pair interaction between nonbonded
particles is described by the excluded volume potential, Uyycs. The
hydrogen bonding interactions between CNF and polymer matrix are
simulated by allowing the polymer chains and the long rods to create
FENE bonds, if the distance between attractive sites of polymer chains
and rods is less than 1.24. In the polymer chain and rod, we utilized 3
and 25 evenly distributed attractive sites, respectively, where attractive
L] interactions (r, = 2.5a) are used between these sites before reaction.
The simulation was allowed to run until all of the polymer chains
attractive sites have reacted with those on the rods.

After this step, the LJ potential cutoff, . is changed from 2"%a to
2.5a for all monomers. The systems were then quenched from T =
1.0up/kgT to T = 0.3uy/kyT at constant volume over a time interval of
1 X 10° 7 to reach a glassy state. The glass transition temperature T
for the Lennard—Jones polymer™ is T, = 0.5up/kgT. Finally, the
systems were equilibrated at zero hydrostatic pressure, yielding an
equilibrium monomer number density p = 0.87a°.

After equilibration, simulations of uniaxial-stress tensile deformation
in the z direction were performed. The brittleness of PMMA is known
to be the result of catastrophic strain localization in the form of crazes,
which results in failure prior to the yield point. To simulate craze
formation, L, length is increased at constant engineering strain rate & =
1 X 107* 7!, whereas the other dimensions of the cell are held fixed."’
For the deformation simulations, the time step is reduced to 0.0757.
Although the employed strain and cooling rates are much higher than
typical experimental rates because of limitations in accessible strain
rates and equilibration of the initial structure, the stress %enerally has
weak (logarithmic) rate dependence in polymer glasses."

During the deformation process, bonds intrinsic to the polymer or
the rods are set to break when the distance between a pair of bonded
particles is greater than 1.4a, whereas bonds formed between the rods
and polymer matrix were allowed to break at shorter distance of 1.3a.
In our simulations, broken bonds are not allowed to reform. For the
composite systems, the deformation simulations were stopped once
the rods started to break.

B RESULTS AND DISCUSSION

Dispersion and Nanocomposite Film Preparation.
Figure 1 shows a TEM image of “as-produced” cellulose
nanofibrils that were used in this study. The nanofibrils have an
average diameter of ~4 nm determined by taking measure-
ments from several TEM images. The nanofibrils carry
carboxylate groups balanced with sodium ions (CNEF-
COONa), which provides repulsive charges that aid in the
dispersion of nanofibrils in H,O. However, direct dispersion of
CNF-COONa by solvent exchange in many common organic
solvents is very limited. Upon addition of common organic
solvents, gel particles of CNF-COONa form immediately and
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Figure 1. Transmission electron microscopic images of (a) “as-
produced” CNF-COONa dispersed in H,O and (b) redispersed CNF-
COOH in DMF. The nanofibrils on the TEM grids were stained with
2% uranyl acetate before imaging to enhance image contrast again
carbon support films.

cannot be redispersed by sonication. Okita et al.'* investigated
the dispersibility of CNF-COONa and CNF-COOH in various
organic solvents. By converting the surface carboxylate groups
of CNF-COONa to carboxylic acid groups, the nanofibrils were
found to individually disperse in polar aprotic organic solvents
such as N,N-dimethylacetamide (DMAc) and DMF at a low
concentration.'* The conversion of the surface carboxylate to
carboxylic acid and subsequent dispersion in nonaqueous media
can also expand the range of surface chemistry to be performed
on the nanofibrils or enable surface interactions with the
polymer matrix.

The dispersion of CNF-COOH gel particles in DMF after
bath sonication was visually examined using a cross-polarizer,
where the absence of visible gel particles and presence of flow
birefringence indicate good dispersion of the nanofibrils in the
solvent. The sonication process seems to be an efficient way of
breaking the weak hydrogen bonds and dispersing nanofibrils in
polar organic solvents. However, a recent study showed that
intensive high-energy sonication had a major impact on the
chain bonding within the cellulose supramolecular structure.”*
In this study, low-energy bath sonication was applied to
disperse weakly bonded CNF-COOH gel particles into DMF.
To compare the dimension of the redispersed nanofibrils
(CNF-COOH) with “as-produced” CNF-COONa nanofibrils,
we examined the morphology of dispersed CNF-COOH in
DMF under TEM. As shown in Figure 1b, the nanofibrils of
CNF-COOH maintain the fibril structure. The average
diameter measured from Figure 1b and other TEM images
were ~4 nm with average length ~440 nm, similar to those of
“as-produced” nanofibrils.

PMMA films with different weight ratios of CNF-COOH
and neat PMMA film were prepared. Visually, the nano-
composite films have high transparency, comparable to the neat
PMMA film, as shown in Figure 2a. The surfaces of the
prepared films are very smooth. Further evaluation of the
transparency of the PMMA nanocomposite films was
performed using UV—vis transmittance. Figure 2b shows that
the PMMA/CNF-COOH film containing 0.5 wt % up to 3 wt
% of nanofibrils have similar transmittance as that of the neat
PMMA film in the range of visible wavelengths. The
transmittances at 550 nm were used as relative values to
compare the composite films with the neat film. The neat
PMMA film displays a transmittance of 92% at 550 nm. PMMA
films containing 1 wt % nanofibrils or 3 wt % nanofibrils have
same level of light transmittance as that of neat film with both
also having a transmittance of 92% at 550 nm. When the
content of nanofibrils in PMMA increases to 5 wt %, the light
transmittance at 550 nm slightly decreases to 90%. Toward the
blue side of the spectrum, such as 450 nm, the transmittance of

100
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2 60 ] —PMMA  ——0.5wt%
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Figure 2. (a) Photo (from left to right: PMMA, 0.5 wt %, 1, 3, and §
wt %) and (b) UV—vis absorption of the neat PMMA film and the
PMMA/CNF-COOH nanocomposite films.

S wt % further decreases compared with other contents. This
indicates some aggregation of nanofibrils in PMMA matrix.
The dispersion of 3 wt % CNF-COOH in PMMA film was
investigated by the microtome technique and scanning
transmission electron microscopic (STEM) examination.
Figure 3 shows a bright field image for a cross-sectional

Figure 3. Scanning transmission electron microscopic (STEM) bright-
field images of cross-sectional PMMA/CNF-COOH (3 wt %)
nanocomposite film.

PMMA film containing 3 wt % CNF-COOH. A high-angle
annular dark-field (HAADF) image was provided in Figure S1.
The thin sections of the nanocomposite film were stained with
uranyl acetate before imaging. It is well-established that
carboxylate or carboxylic acid groups bind strongly with
metal ions,” whereas PMMA has only a weak affinity to
metal ions.” It is evident that the black fibril structure in the
bright-field image (Figure 3) and the white fibril structure in
the dark-field image (Figure S1) comes from the nanofibrils
within the PMMA matrix. At 3 wt % the nanofibrils are well-
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dispersed to form an interconnected long-range network
structure in the PMMA matrix with little aggregation. Samples
with lower CNF contents should have a similar level of
dispersion because of similar level of film transparency at visible
range. At 5% CNF content, the CNFs are expected to be well-
dispersed, but a small portion of the CNFs are aggregated on
the basis of UV—vis results.

Thermal Property and Interactions. Dynamic thermal
analysis (DSC) was performed on the nanocomposites and the
neat polymer to evaluate the influence of CNF—COOH on the
thermal transition of PMMA. Addition of as little as 0.5 wt % of
CNF-COOH significantly increases the glass transition temper-
ature (T,) compared to the neat PMMA (Table 1 and Figure

Table 1. T, Data Table from DSC for the Neat PMMA Film
and the PMMA/CNF-COOH Films

sample DSC T, of PMMA (°C)
PMMA 79.6
PMMA/0.5% CNF-COOH 84.7
PMMA/1.0% CNF-COOH 84.0
PMMA/3.0% CNF-COOH 86.7
PMMA/5.0% CNF-COOH 87.3

S2). The T, of the neat PMMA is 79.6 °C, where the value
increased to 84.7 °C with inclusion of 0.5 wt % CNF-COOH,
and further increased to 86.7 °C for a 3 wt % CNF-COOH/
PMMA film. Only minor changes in T, are evident as the
nanofibril content was increased above 3 wt %, with an
apparent plateau at about 87 °C. A similar trend was observed
on tan  from dynamic mechanical analysis as discussed in the
next section.

The influence of CNF-COOH on the thermal transition of
PMMA could be explained by interactions between the acid
groups on the nanofibrils and the ester groups of PMMA. This
carbonyl oxygen in PMMA can physically interact with the
carboxylic acid on the nanofibrils through hydrogen bonding
(Scheme 1a). Generally speaking, the presence of hydrogen

Scheme 1. Schematic Illustrations of (a) Interfacial
Interaction of Matrix PMMA with CNF-COOH and (b)
Interaction between Percolated Nanofibrils

CNF-COOH

b) CNF-COOH

a) CNF-COOH

PMMA Matrix

bonds should raise the value of T, because it restricts the
motion of the polymer segments. This is consistent with the
DSC results on the PMMA/CNF-COOH films. Hydrogen-
bonding interactions between carboxylic acid groups and
carbonyl groups have been widely used to facilitate miscibility
of polymer blends”” and to imgrove interfacial interactions of
carbon nanotubes with PMMA.*® In these cases, as is observed

25468

here, the hydrogen bonding was found to have a significant
effect on the thermal properties of polymer nanocomposites. In
addition, double hydrogen bonds are expected to form between
groups of carboxylic acid on nanofibrils when the nanofibrils
percolate within PMMA matrix, shown in Scheme 1b.

PMMA samples cast using different solvents have been
extensively studied in the literature®”*® to elucidate how the
solvent affects the glass transition temperature of the polymer.
Solvent-cast composite films obtained by the solution
evaporation technique retain ~5% solvent after evaporation
and drying.”” The retained solvent was found to significantly
decrease the T, of the polymer in both experimental results™
and modeling simulations.”® For example, Mishra and Keten
investigated the effect of retained solvent on the T, of PMMA
through all-atom molecular dynamics simulations, and con-
cluded that the addition of a weakly interactive solvent such as
tetrahydrofuran (THF) caused a depression of the PMMA Tg.30
Similar phenomenon was observed in this study. The retained
solvent from the film preparation process decreased the T,
values of both the neat PMMA film and the PMMA composite
films. Continuous drying under high vacuum and 50 °C for
several days did not effectively remove the retained solvent due
to limited mobility of the PMMA chains at temperatures under
T,. Increasing the drying temperature to be above the T, of
PMMA degrades the cellulose nanofibrils because of their
limited thermal stability. Because the neat PMMA film and the
PMMA/CNEF-COOH films in this study were prepared under
the same condition and CNF loading was kept to 5 wt % or
below, differences in solvent retention due to CNFs were
assumed to be negligible, and changes in T, and other
properties observed between these two systems were only due
to the addition of cellulose nanofibrils.

Mechanical Properties and Fracture Surfaces. In an
attempt to examine the reinforcing effects of cellulose
nanofibrils, we investigated dynamic mechanical and tensile
properties of the nanocomposites. The neat PMMA has storage
modulus of 2.1 GPa at 25 °C, where no apparent trend in the
storage modulus was observed with increasing content of
nanofibrils up to 5 wt %. With inclusion of 1 and 3 wt % CNF-
COOH, the storage modulus values are to 1.5 and 2.0 GPa,
respectively. The storage modulus increased to 3.5 GPa when
the nanofibril content was increased to S wt %. Loss tangents
(tan 8) of CNF-COOH/PMMA as a function of temperature
are shown in Figure 4. Neat PMMA shows a tan J peak at 92.1
°C, which is attributed to its glass transition. The peak shifts to
higher temperature for all of the PMMA/CNF-COOH
nanocomposites. For example, PMMA/CNF-COOH at 1 wt
% has a tan 6 peak at 114.6 °C, which is 22.5 °C higher than the

1

08 ——PMMA —=— 0.5wt%
’ Iwt%  —— 3wt%
0 0.6 - —— 5wt%
c
©
F04 |
0.2
0 T T T T
-40 0 40 80 120

Temperature (°C)

Figure 4. Tan ¢ of the PMMA films with and without the nanofibrils.
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neat PMMA. This is consistent with shifts in the glass transition
observed in the DSC diagrams. As the movement of polymer
chains is restricted because of confinement on the nanofibrils,
increased energy is required for the polymer chains to become
free to move. The magnitude of the tan 6 peak for the
nanocomposites decreased compared to the neat PMMA film.
Increasing the nanofibril content diminishes the value of tan 6,
because the nanofibrils impose restrictions against molecular
motion of surface adsorbed polymer chains, resulting in a more
elastic response in the material.

The tensile behaviors of PMMA/CNF-COOH films were
investigated by universal tensile tests. Representative strain—
stress curves for the neat PMMA film and the PMMA/CNE-
COOH films at various percentages of CNF-COOH are shown
in Figure S, and the tensile mechanical average values are

—PMMA
—0.5wt%
—1Wt%
—3wt%
——5Wt%

: é é 1I2 15
Strain (%)

Figure S. Representative stress—strain curves for the neat PMMA and
the PMMA/CNE-COOH films.

Table 2. Tensile Properties of PMMA/CNF-COOH
Nanocomposite Films

CNE-
COOH Young’s ultimate tensile
content (wt modulus strength strain-at- tou§hness

%) (GPa) (MPa) failure (%) (X 10° kJ/m?®)
0 193 + 015 532 + 56 2.7 +03 0.84 + 0.20
0.5 1.7S £ 0.08 454 + 3.8 39+ 06 1.14 + 0.45
1 1.88 + 0.10 459 + 2.4 8.6 +33 2.74 + 1.19
3 1.98 + 0.03 472 + 1.6 11.7 + 0.4 4.08 + 0.30
S 2.08 + 0.10 56.6 + 291 28 +£02 094 + 0.13

summarized in Table 2. The glassy PMMA film shows a typical
brittle fracture with a strain-at-failure of 2.7%, which is
consistent with previous report.”’ Addition of a small
percentage of nanofibrils such as 0.5 wt % increases the
strain-at-break value to 3.9%, though the tensile strength and
Young’s modulus decrease from 53.2 MPa and 1.93 GPa for
neat PMMA to 454 MPa and 1.75 GPa, respectively. The
increases in strain-at-failure are much more significant with
nanofibrils 1 wt % of nanofibrils, reaching 8.6%. The strain-at-
failure increases to 11.7% at 3 wt % CNF. Because of the
significant increase in the strain-at-failure, the tensile toughness
or deformation energy (the integrated area below the stress—
strain curves) of the PMMA/CNF-COOH nanocomposites
comprising 1 or 3 wt % cellulose nanofibrils are 3 times and S
times greater, respectively, than the neat PMMA film. Further
increasing the concentration of CNF-COOH to about S wt %
resulted in brittle behavior with a strain-at-failure similar to that
of the neat PMMA.

To probe the mechanism behind the toughness improve-
ment, we have carried out scanning electron microscopy (SEM)
studies to examine the fracture surfaces of the samples after the
tensile tests. Figure 6 shows SEM images of fracture surfaces of

Figure 6. SEM images of tensile test samples: (a, b) fracture surfaces
of the neat PMMA film, (c) fracture surface of PMMA/CNF-COOH
(3 wt %), and (d) film surface near fracture of PMMA/CNF-COOH
(3 wt %).

the PMMA film and the PMMA/CNF-COOH (3 wt %) film.
As shown in Figure 6a, b, the PMMA film provides a smooth
failure surface morphology, except for some residual fragments.
The fracture surface of the nanocomposite (Figure 6¢) is
rougher than the neat PMMA, indicating the creation of
additional surface area. The fracture surface of PMMA/CNE-
COOH (3 wt %) also shows signs of plastic deformation, such
as rough and irregular surface, which are in agreement with
ductile fracture as demonstrated by its stress—strain curve.
What appear to be nanofibrils are seen extending from the
fracture surface, which suggest that the tensile strain failure
occurred following break or pull-out of the nanofibrils. On the
film surface next to the fracture (Figure 6d), holes and potential
pull-out of nanofibrils are observed.

Reinforcement Effect of the Nanofibrils. At low
nanofibril loading, the amount is generally too low to permit
large-scale changes in material properties.”’ A concentration of
nanofibrils below the percolation threshold will also allow
unimpeded crack propagation across regions, which is similar to
what is observed in the neat PMMA. When the content of
nanofibrils was increased to 5%, some agglomerates form as
described above. The inclusion of voids inside agglomerates can
act as preferential sites for crack initiation, which leads to brittle
failure and degrades the polymer performance.

With the addition of optimum amounts of cellulose
nanofibrils, sufficient for the formation of a percolated network
without much agglomeration in the composite, the PMMA
composite undergoes a transition from brittle-to-ductile
behavior with appearance of a yield point, and a tremendous
increase in strain-to-failure (Figure 6). Reinforcement particles
with longer length and higher aspect ratio reach percolation at
lower filler contents. The critical percolation threshold (volume
fraction) is a function of aspect ratio L/w; ¢, = 0.7/(L/w),
where L and w are the length and width of fibers,
respectively.”*> The percolation threshold values of the
nanofibrils in this study were calculated to be 0.64 vol % and
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0.87 wt %, using a PMMA density of 1.17 g/cm® and CNF
density of 1.59 g/cm? in the calculation. When the content of
nanofibrils in the composites reaches the percolation threshold,
hydrogen bonding interactions are expected to form between
carboxylic acid groups in the percolated nanofibrils (Scheme
1b). These nanofibril—nanofibril interactions contribute to
further improvement in the mechanical properties of the
composites by consuming additional energy that would
otherwise cause it to break under the load.

An optimized nanofiber—matrix interface would allow for a
combination of adequate stress transfer at low stress and
frictional energy dissipation at higher stress.'’ For cellulose
nanofibril reinforced hydrophobic polymer composites, it is
widely observed that although one can improve the Young’s
modulus and even the stress at break by the addition of
nanofibrils, the strain-to-failure and thus the toughness of the
material are deleteriously affected. Improved tensile strength
and Young’s modulus were observed for composite films of
CONE-COOH in polystyrene (PS);” however, these improve-
ments are coupled with reduced elongation at break.
Considering the molecular structure of polystyrene and the
decrease in T, of the PS composites containing nanofibrils, the
interfacial interactions between PS and CNF-COOH are
considered to be weak. The very weak or no bonding between
the matrix and nanofibrils leads to separation between the
surfaces of nanofibrils and polymer under load. The crack
initiates and propagates away from the interface into the
polymer, resulting in premature failure of the polymer matrix at
low strains. Thus, although nanofibrils are able to impart
stiffness to the composite structure, they are not able to impart
the expected toughness to the polymer matrix. In this study, the
physical interactions via hydrogen bonding of nanofibrils with
the polymer matrix and between percolated nanofibrils provide
effective energy dissipation under the load, which prevent
premature failure leading to strain and thus toughness
improvement. However, toughening of PMMA in this study
behaves like the ductile-brittle transition accompanied by
decreased tensile strength. This is probably due to the use of
interfacial hydrogen bonding interactions, which are relatively
weak compared with covalent bonding and strong physical
interactions. We expect that the toughness of the nano-
composites could be further improved without decreasing
ultimate strength and modulus, by utilizing much stronger
interactions than hydrogen bonds.

The results here demonstrate the potential of using cellulose
nanofibrils to achieve enhanced toughness in hydrophobic
glassy polymer composites. The importance of the interfacial
region underscores the need for more detailed modeling and
characterization to understand the polymer dynamics near
nanofibrils.

Simulation Results. In the computational study, the neat
polymer system is compared with the corresponding composite
with a nanorod content of ~1%. Figure 7a shows a
representative image of the simulated composite system after
equilibration. The structure is qualitatively similar to the TEM
of the experimental films in Figure 3, illustrating well-dispersed
nanorods at the onset of percolation.

To elucidate the role of favorable interfacial interaction
between the polymer and the nanorods on properties, we
varied the interfacial strength in the composite system. In
composite system one (CR1), the polymer is attached to the
nanorods via relatively strong bonding but weaker than
covalent bonding. In the second system (CR2), there are no

(®)

Figure 7. (a) Representative image of the polymer-nanorod composite
obtained using coarse-grained simulation. Nanorods are shown in blue,
polymer matrix is shown with transparent beads to improve clarity. (b)
The polymer chain (shown in brown) can connect two nanorods
through bonds. The connected particles are colored in red.

bonds between the polymer and the nanorods, only attractive
Lennard—Jones interactions are present. These systems mimic
composites with a strong-attractive or weak interface between
the polymer and nanorods, respectively. Although both
composite systems exhibit percolation of the nanorods, the
polymer chains in CR1 are able to connect adjacent nanorods
effectively forming “bridges” (Figure 7b).

The equilibrated model systems were subjected to tensile
deformation, where the stress—strain curve is shown in Figure
8a. The glassy, neat polymer system exhibits molecular-scale
fracture by chain pullout during tensile deformation as a result
of crazing. Instead of observing “sharp” fracture as in
experiment where the impact of dangling ends on stress is
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Figure 8. (a) True stress vs engineering strain curves obtained under
uniaxial tension for the pure polymer and for the composite where the
polymer and nanorod were allowed (CR1; relatively strong interface)
or restricted (CR2; weak interface) during the equilibration process.
(b) Number of broken polymer—nanorod bonds as a function of
tensile deformation for CRI.
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inconsequential, the computed stress—strain curves exhibit a
long “tail” after the maximal stress. This is a result of delayed
pull-out of chains in the model and is, at least in part, due to the
higher strain rate used in the simulations. In addition, due to
the small system size of particle-based simulations, the
simulated materials tend to fail in a more ductile fashion than
experimental systems. In CR2, where the polymer matrix is not
bonded to nanorods, the demonstrated deformation behavior is
similar to the neat polymer. However, this composite system
demonstrates a slight increase in the tensile modulus and the
stress at break, which could be due to the impact of percolation
of the nanoinclusions. This behavior is similar to the
experimental system of polystyrene nanocomposites where
the addition of CNF-COOH at a low concentration (less than
5% of nanorods) to a PS film only improved the tensile
strength and Young’s modulus.” On the other hand, CR1 that
contains polymer—nanorod bonds, not only shows an increase
in the tensile strength, but it also demonstrates more ductile
behavior (Figure 8a). This behavior is similar to what was
observed in the 1 wt % CNF-COOH PMMA composite
described in previous section.

Our simulations results suggested that not only nanorod
percolation, but also favorable polymer—rod interactions are
important for improvement of toughness in these composites.
Here, polymer “bridges” connect the nanorods, which provide
additional toughening improvement through the formation of a
polymer-nanorod network. Under deformation, these bridges
can break at the polymer-nanorod interface (Figure 8b)
providing an additional mechanism for energy dissipation.
The CR2 system, which is unable to form these “bridges”,
shows only slight improvement in the mechanical properties.

There are deviations between the computed and exper-
imental stress—strain curves due to restrictions in the
computational model. The fracture that is observed exper-
imentally occurs on the macroscale because of imperfections in
the polymer sample such as cracks, notches, and extrinsic
homogeneities. The size scale accessible to this simulation
method is unable to capture these large-scale features and is
instead restricted to molecular scale fracture, which is due to
chain disentanglement or pullout and chain scission.”' Even so,
the goal of this work was not to accurately capture the fracture
behavior of these materials, but to elucidate the fundamental
mechanism responsible for toughening. In addition, coarse-
grained models are physics-based models that lack chemical
specificity. Nonetheless, they have been successfully used to
study universal mechanisms and behavior exhibited by
polymers.”® Finally, as mentioned earlier, the strain rates
required in this simulation method are higher than those used
to obtain the experimental stress—strain curves.

Our approach focuses on overcoming traditional design
limitations of polymer—nanorod composites by utilizing a
combination of two major enhancement mechanisms: network
creation and nanoparticle inclusions. The computational results
suggest that percolation alone is insufficient for significant
improvement of toughness. The favorable interfacial inter-
actions together with percolation of nanofibril networks
contribute to the toughness improvement observed in our
systems.

B CONCLUSIONS

CNFs with surface carboxylic acid groups have been
incorporated into PMMA matrix as reinforcement fillers. The
resulting nanocomposite films have high transparency near that
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of the neat film due to very good dispersion of nanofibrils in
PMMA. DSC analysis showed an increase in T, of the films
prepared with CNF-COOH fillers in comparison with the neat
PMMA film, providing evidence that interfacial interactions
between PMMA and CNF-COOH are achieved. Mechanical
analysis of the resulting films demonstrated that loadings of 1
and 3 wt % of CNF-COOH are effective reinforcing agents, and
shift the failure mechanism to brittle-to-ductile failure behavior,
yielding tougher films that those of neat PMMA. The fracture
surface of the toughened films shows signs of plastic
deformation, whereas PMMA film has brittle failure surface.
The toughing effect of the nanofibrils has been probed by
computational simulation. The simulation results suggest that
favorable polymer—nanofibril interactions and the percolated
nanofibril network contribute to the improvement of toughness
in these composites.

Our study provides insights on CNF reinforcement of
hydrophobic glassy polymers. The results suggest that judicious
functionalization of nanofibril surfaces, which improve
dispersion and enhance interfacial interactions, produces truly
synergetic polymer composite materials. The success of
improving toughness in a hydrophobic glassy polymer matrix
indicates the possibility for prepare cellulosing nanofibril
reinforced composites with controlled interface chemistry or
interphase zones, and thus controlled mechanical properties.
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